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’ INTRODUCTION

Polymer films have widespread applications, including micro-
electronics, lubrication, and adhesives, etc. The emergence of
nano science and technology has increased the usage of polymer
films with thickness in the nanometer range. Studies in the past
two decades showed that the properties we know well about
polymers in the bulk can be very different when they are confined
in nanostructures. One of the most studied phenomena is the
noticeable decrease in the glass transition temperature, Tg, with
decreasing film thickness, h, of some polymer films with h <
∼100 nm.1�8 This finding suggests that polymer nanostructures
can potentially melt at a temperature substantially below the bulk
polymer, so efficient application of polymeric materials in nano
science and technology necessitates a good understanding of the
dynamics of these materials under nanoconfinement at the glass
transition. The most frequently cited model used to explain the
thickness dependence (h) of the Tg of polymer nanometer films
is the layer model.1,3,9,10 In this model, the films are portrayed as
consisting of a high-mobility surface layer resting on top of a less
mobile, largely bulklike inner layer; the overall dynamics of the
films and hence theTg is a result of the interplay between the two.
If the surface layer dominates, the Tg is decreased; otherwise, the
Tg is enhanced, unchanged, or decreased depending on whether
the polymer�substrate interactions are attractive, neutral, or
repulsive, respectively. As for how the layer model may produce
the Tg(h) found in experiment, it has been a subject of debate for
a long time. In a recent experiment,11 we showed in polystyrene
(PS) films cast on silicon that a highly mobile region with
thickness no more than 2.3 nm existed at the free surface, and
it engendered the Tg reduction by providing an additional, high-
mobility flow channel whereby the total mobility of the films can
be enhanced. But in that experiment, only unentangled PS films,

exhibiting viscous dynamics, were studied, while the dynamics of
polymers are known to exhibit viscoelastic behaviors when the
molecular weight, Mw, of the polymer is increased above the
entanglement molecular weight, Me.

12,13 In addition, a recent
experiment14 showed that entangled PS films, when not equili-
brated, could also exhibit reduced viscosity merely due to the
conformation with lesser degree of interchain entanglements
inherited by the films when they were fabricated, i.e., during the
spin-coating process.14,15 The out-of-equilibrium conformation
was also found to be lasting,14,16�18 raising concerns about how
significant a role a surface mobile layer, if present, may play in the
dynamics of entangled PS films. In this study, we measure the
evolution in the dynamics of as-cast PS films with Mw > 10Me

upon annealing above the Tg and examine if the surface mobile
layer exists when the films reach equilibrium and whether at that
point it affects the dynamics of these films as it does in the
unentangled films.11

’EXPERIMENTAL SECTION

The polymer used in this experiment was polystyrene purchased from
Scientific Polymer Products (Ontario, NY) with Mw = 212 kg/mol and
polydispersity index = 1.08. The substrates were 1.5� 1.5 cm2 slides of
Si (100) covered with a 102( 5 nm thick thermal oxide. Prior to use, the
substrates were cleaned in a piranha solution as described before.16 Thin
films of the polymer, with thickness h varied from 2 to 125 nm, were
spin-coated onto the substrates from solutions of the polymer in toluene
and measured without preannealing. The film thickness was controlled
by varying the concentration of the polymer solution and measured by
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ABSTRACT: There has been continuing effort to understand the cause
for the thickness dependence observed in the glass transition dynamics of
polymer films. In a previous experiment, we showed that a two-layer
model, assuming the films to contain a high-mobility surface layer residing
on top of a bulklike inner layer, can explain the thickness dependence
found in the viscosity of unentangled polystyrene films. Here, we examine
the validity of this model in polystyrene films that are entangled. Unlike
the unentangled films, the entangled ones are initially out-of-equilibrium, exhibiting a plateau modulus∼1/10 times the bulk value.
Upon annealing, the viscosity typically grows with time and eventually saturates. For the films with thickness above 20 nm, the
saturated viscosity is the same as the bulk and takes ∼5�10 reptation times to reach. We find that the saturated viscosity is fully
explainable by the two-layer model. A straightforward interpretation would imply that the surface mobile layer exists at equilibrium
and modifies the dynamics of unentangled and entangled polymer films in a similar way.
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ellipsometry. The dynamics of the films was determined by monitoring
the evolution in the surface topography of the films at different times
during the initial stage of dewetting19�22 when the surface roughness is
much less than the film thickness and well before any holes are formed.
(In this experiment, the rms roughness is always <0.1h and <0.05h for
most of the films studied.) While most of the measurements were taken
after quenching the sample to room temperature whereat its surface
structure was frozen, no difference in the result was detectable when the
measurements were taken in real-time as the film was heated. To
measure the surface topography of the films, we used tapping-mode
atomic force microscopy (AFM). To facilitate the model analysis
(discussed in detail below), we converted the topographic data to its
power spectral density (PSD).19�22 This was done by multiplying the
data with a Welch function before Fourier-transforming it.19�22 The
2-dimensional Fourier spectrum was then radial averaged to give the
1-dimensional PSD.

’THEORETICAL ANALYSIS

We have shown that in the initial stage of heating where the
height fluctuation is small compared to the film thickness, the
PSD (Aq

2(t)) of thin polymer films evolves with time t at a
temperature T according to the relation11,16,19,23

Aq
2ðtÞ ¼ Aq

2ð0Þ expð2ωtÞ þ kBT

d2GðhÞ=dh2 þ γq2

" #
ð1� expð2ωtÞÞ

ð1Þ
where kB is the Boltzmann constant,ω is the relaxation rate of the
surface capillary wave with wavevector q, and G(h) and γ are
respectively the van der Waals potential24 and surface tension of
the film. By solving the Laplace transform of the Navier�Stokes
equation in the lubrication approximation, Safran and Klein

derived an expression for ω(q) for viscoelastic films:25

ω ¼ � h3

3ηðωÞ
d2GðhÞ
dh2

 !
q2 þ γq4

" #
ð2Þ

For viscoelastic liquids with a short-time shear modulus, μ0, and
single characteristic relaxation time, τr � 1/ωr,

25 η(ω) = μ0 /
(ω + ωr). With this, eq 2 can be rewritten as

ω ¼ ωliq

1�ωliqτr
ð3Þ

where ωliq � �(h3/3η)[(dG2(h)/dh2)q2 + γq4] is the relaxa-
tion rate of the qth surface capillary mode of purely viscous films
with viscosity, η � μ0τr. Equation 3 suggests that ω ≈ �1/τr if
|ωliqτr| . 1, but crosses over to ω ≈ ωliq if |ωliqτr| , 1. By
substituting the sample parameters, we find that |ω| < 1/τr,
implying that the capillary modes require a minimum duration of
τr to relax.

23 So during the initial annealing when t < τr, which is
also when the film is in the elastic regime, the PSD remains
stationary. Upon t > τr, the film enters the viscous regime and the
PSD evolves with ω ≈ ωliq as expected given the long-time
viscous behavior assumed of the films.

The predicted short-time (t < τr) behavior is clearly demon-
strated by the PSD’s in Figure 1a. The elastic regime can be
ascribed to the rubbery plateau regime well-known for entangled
polymers.12 Fredrickson et al.26 showed that the PSD of a solid
film with shear modulus μ0 and thickness h was given by

Aq
2ðtÞ ¼ backgroundþ kBT

d2GðhÞ=dh2 þ γq2 þ 3μ0
h3q2

ð4Þ

At the same time, it has been shown16 that eq 1 can be
approximated by

Aq
2ðtÞ ¼ backgroundþ kBT

d2GðhÞ=dh2 þ γq2 þ 3ðηðωÞ=2tÞ
h3q2

ð5Þ
During the rubbery plateau, the films are elastic and Fredrickson’s
model (eq 4) should apply. A comparison between eqs 4 and 5
suggests that if we fit the data in the rubbery regime to eq 1 and
set η(ω) = η (which amounts to setting ω = ωliq in eq 3), we
should find that the fitted value of η increases linearly with t, and
by using η = 2μplateaut, the value of μplateau can be deduced.

Beyond the rubbery plateau, the films are viscous. We deduce
the viscosity of the films, η, by fitting the PSD’s to eqs 1�3 with η
treated as the fitting parameter, μ0 set equal to μplateau, and the
rest of the parameters given the experimental or published values.
(In particular, we used the experimental values for h and T,
30mN/m forγ, and the values published in ref 24 for dG2(h)/dh2.)
We find that a wide range of μ0 can produce a good fit to the data,
as long as μ0 is large enough that μ0t/η� t/τr >∼1. This shows
that the model fitting beyond the rubbery plateau cannot be used
to obtain a reliable value of μ0. But it does for η and the fitted
value of η has been found to always fall within a limited range
even when μ0 is varied over its maximum range.

It should bementioned that this model treats the films as being
uniform; that is, μplateau and η are both taken to be constants,
independent of position. On the other hand, the dynamics of
polymer films are well-known to be heterogeneous, especially for

Figure 1. (a) Power spectral density of a 20 nm film upon annealing at
120 �C for various times as shown in the legend. The solid lines are the
least-squares fit of the data to eqs 1�3 as described in the text. (b) A plot
of the fitted viscosity versus time of the data shown in (a). The open and
solid symbols denote the data taken in the rubbery plateau and terminal
flow regime, respectively. The solid line is an indicator for slope = 1. The
dashed lines are the short- and long-time asymptotes of the data.
The time where the asymptotes overlap is taken to be the equilibration
time, τeq.
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the films with thickness in the nanometer range. It should there-
fore be understood that the values of μplateau and η obtained from
this analysis are effective values. Below, we shall elaborate how by
measuring the effective viscosity of the films with different
thicknesses, the dynamic heterogeneity in the films can be inferred.

’RESULTS AND DISCUSSION

Figure 1a shows the sequence of power spectral density (PSD)
obtained from a 20 nm film annealed at 130 �C. For times
between 1980 e t e 8880 s, the PSD shows negligible change,
attributable to the film being in the rubbery plateau regime. It
should be remarked that the initial change seen between t = 0 and
1980 s is caused by the glass-to-rubber transition,16,27 not
accounted for by the present model (eqs 1�3). In the rubbery
plateau where the film is elastic, the plateau shear modulus,
μplateau, can be determined from the lower cutoff wavevector, qlc,
of the PSD27 by using μplateau≈ [((dG2(h)/dh2) + γqlc

2)h3qlc
2]/

3,27 where the symbols are as defined above. From the data
shown, qlc≈ 17( 2 μm�1 so μplateau≈ 7( 3.5 kPa. To find the
viscosity, η, we fit the data to eqs 1 and 3 as detailed in the
Theoretical Analysis section. The best fitted values of η are
plotted versus t in Figure 1b. We label the data in the rubbery
region by open symbols and those in the terminal flow region by
solid symbols. As seen, the data in the rubbery region exhibit a
linear t-dependence, in accord with our model prediction, η = 2
μplateaut (see the Theoretical Analysis section). By fitting the
open symbols to this expression, we obtain μplateau = 6( 1 kPa, in
reasonable agreement with the value calculated from the lower
cutoff wavevector. In the terminal flow regime (where the solid
symbols are), the viscosity grows with time initially but reaches a
saturated value after about 90 000 s. A growth in the viscosity of
as-cast entangled polymer films upon annealing has also been
observed by Barbero et al.14 They ascribed the reduced viscosity
found initially to a reduction in the entanglement density in the
films due to rapid drying in the spin-coating process that could
render the polymer chains insufficient time to attain the equilib-
rium conformation. Reduced entanglement density in the film is
also in keeping with the noticeably smaller plateau modulus found
here than the published bulk value, μplateau,bulk of 2 � 105 Pa.13

Figure 2 shows the representative η versus t data taken from
the films with h = 5�125 nm upon annealing atT = 130�160 �C.
The open and solid symbols denote the measurements taken

during and after the rubbery regime, respectively. As seen, all the
data in the rubbery regime exhibit a linear t-dependence as
predicted above and found in Figure 1b. Remarkably, they
essentially overlap, suggesting the films to have approximately
the same μplateau. For polymers, the plateau modulus μplateau is
related to the entanglement density, Fe, byμplateau = (4/5)FekBT.28

The present finding means that despite the large variation in the
thickness of the films and hence the concentration of the polymer
solutions used to cast them, the films possess similar entangle-
ment density initially.

We look further into this point by examining the equilibration
time, τeq, for η(t) to reach the saturated value. The dashed lines
in Figure 1b demonstrate how τeq is determined from a plot of η
versus t. Representative τeq obtained at measurement tempera-
tures between 120 and 150 �C are plotted versus h in Figure 3a.
The reptation times (τrep)

12,28 of the bulk polymer at the respec-
tive temperatures, calculated by using τrep ≈ ηbulk/μplateau,bulk,

12

are shown by the dashed lines (where ηbulk denotes the viscosity
of the bulk polymer and μplateau,bulk is approximated by
2� 105 Pa). As seen, when h is increased, τeq rises with increasing
h and reaches τrep at h≈ 8 nm. As h exceeds∼20 nm, τeq begins
to saturate. We find that the maximum value of τeq is typically
∼10τrep. In the reptation model,28 τrep is the time for a polymer
chain to escape the confinement arising from the nearby en-
tanglement strains28 that eventually causes the stress relaxation
modulus of the entanglement chain network to decay to zero.12

The fact that τeq can exceed τrep means that equilibration of the
films must involve processes more than just escaping of the

Figure 2. Representative viscosity versus time plots of the films with
thicknesses from 5 to 125 nm measured at temperatures between 130
and 160 �C. The solid line represents η = 2 � (10.5 kPa) � t.

Figure 3. (a) Equilibration time versus film thickness measured at four
temperatures between 120 and 150 �C. The gray dashed lines indicate
the reptation times at these temperatures. (b) Equilibration time versus
saturated viscosity of all the films measured in this experiment. The
straight line is the best linear fit to the data.
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polymer chains from the entanglement-induced confinement.
Since the viscosity of entangled polymers increases with Fe, the
rise in η with t beyond the rubbery region means that the
equilibration also entails restructuring of the chain conformation
to increase Fe. As noted above, τeq starts to break off from
saturation when h falls below ∼20 nm. We notice that 20 nm is
also the thickness below which the thickness dependence of the
Tg of the films begins to accelerate.

1,3,6,29 We examine if τeq and
the long-time, saturated viscosity, η∞, may be correlated by
plotting τeq versusη∞ in Figure 3b.We find that the data fit well to
the relation, τeq = (10�4.4(0.45 Pa�1)η∞ (solid line). Recall that
τeq is determined by intersecting the tf 0 (where η = 2μplateaut)
and t f ∞ asymptotes of the η(t) data (where η = η∞), so the
result of Figure 3b implies that all the films have approximately the
same median μplateau (≈12.6 kPa). It is noteworthy that reduced
entanglement is also expected in ultrathin films where the film
thickness is smaller than the gyration radius of the polymer, Rg
(≈12 nm here), as demonstrated in the crazing experiment of Si
et al.30 The fact that the plateau moduli of all the films,
including those with h > Rg and h < Rg, are similar suggests
that the reduced plateau modulus observed here is more likely
to arise from the same conformational state (with reduced
entanglement) being entrapped in the films at spin-coating
than to confinement effects.

In spin-coating, the chain conformation that transpires at an
intermediate concentration ϕ* can get kinetically frozen-in as the
film continues to dry and ϕ approaches 0.8 where the film
vitrifies.16 We estimate ϕ* from the observed median μplateau. It
has been shown that the entanglement density, Fe(ϕ), of a
polymer solution (made of an athermal solvent) with polymer
concentration ϕ is given by Fe(ϕ) = Fe(1)ϕ2.3,12 where Fe(1) is
the entanglement density of the polymer melt at equilibrium.
Upon kinetic freezing-in at ϕ*, the chain conformation and the
corresponding entanglement density Fe(ϕ*) gets locked in. We
assume that further drying of the film from this point causes the
network to shrink uniformly without inducing conformational
change. Upon complete drying, the film volume shrinks by a
factor of 1/ϕ* whereupon Fe is increased by the same factor.
Given this and the fact thatμplateau� Fe, we anticipateμplateau(ϕ) =
μplateau(1)ϕ*

1.3 for the as-cast films. On substituting μplateau =
12.6 kPa and μplateau(1) = 100 kPa, we obtain ϕ* = 0.2. We
contemplate ϕ* to be the concentration where kinetic slowing
down in the dynamics of the polymer solution commences. Scaling
argument12 suggests that this should take place at a concentration
of about (Me/Mw)

0.76. By substituting Me ≈ 17 kg/mol12 and
Mw = 212 kg/mol, we obtain ϕ* ≈ 0.15, which is in reasonably
good agreement with the above estimate of ϕ*, especially given
that scaling arguments are known to give order-of-magnitude
estimates only.

Figure 4a displays the long-time viscosity of the films, η∞,
plotted versus 1/T. As one can see, the measurements of the hg
20 nm films overlap with that of the bulk polymer, demonstrating
that confinement effects are insignificant and the films have
reached the equilibrium bulk entanglement density when η
reaches the saturated value. In addition, η∞ gets smaller and

Figure 4. (a) Saturated viscosity of the films with thicknesses from 3 to
125 nm plotted versus reciprocal temperature (symbols). The dashed
line represents the published data of the bulk polymer. The solid lines are
the least-squares fits to the two-layer model as described in the text. (b)
A plot of inverse mobility versus reciprocal temperature for the films
shown in (a) (symbols). The solid lines are the least-squares fits to the
two-layer model. Inset: corresponding plot of the data taken from a 2 nm
film. The dashed line reproduces the collapsed behavior seen in the main
panel. The solid line is (2/3.3)�3 times the dotted line.

Figure 5. (a) Viscosity versus reciprocal temperature of PS films with
different thicknesses as labeled in the legend (symbols). The dashed
lines are the least-squares fits to the VFT relation,11,38 η = η0 exp[A/
(T � TK)], where both η0 and TK were covaried while A was fixed to
1620 K.33 (b) The fitted values of TK obtained from (a) plotted as a
function of the film thickness (solid circles). The solid line represents the
measured Tg of PS films (Mw = 393 kg/mol), as represented by least-
squares fit to the model by Keddie et al.,1 minus 50 �C.
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diverges more slowly with 1/T as h decreases, both of which had
been observed in unentangled PS films and are consistent with
the Tg of the films decreasing with decreasing h.11 With unent-
angled PS films,11 we found that the Kauzmann temperature, TK,
obtained by fitting the η(T) measurements to the Vogel�
Fucher�Tammann (VFT) relation, exhibited good quantitative
agreement with the Tg of the films. By applying the same analysis
to the data of Figure 4a, we find that the TK of our films also
exhibits a reduction with decreasing h, but the thickness depen-
dence is noticeably different from that of the Tg (see Figure 5).
The difference is probably a reflection that themolecular motions
determining the viscosity are not the same as those determining
the glass transition. In particular, the former involves large-scale,
chain reptation motions while the latter involves local, segmental
motions. This is in keeping with a recent photobleaching
experiment of free-standing PS films, where inconsistency be-
tween the molecular mobility and Tg was found.

31

To understand the data of Figure 4a, we invoke the concept of
(flow) mobility, Mtot, as we did before in analyzing the data of
unentangled films.11 By definition, mobility is the ratio of the total
horizontal current in the film to the pressure gradient causing it.11

As pointed out before,11 Mtot, rather than η, is a fundamental
parameter of our model. Specifically, ωliq is actually�Mtot[(dG

2-
(h)/dh2)q2 +γq4]).32Only given our experimental conditions and
the assumption that the films are homogeneous is Mtot =
h3/(3η), whereuponωliq =�(h3/(3η)) [(dG2(h)/dh2)q2 +γq4]).
In Figure 4b, we plotMtot

�1 (� 3η∞/h
3) versus 1/T by using the

measurements of η∞ in Figure 4a. For the thick films with h g
20 nm, Mtot increases with increasing h, consistent with the
relation between Mtot and h (i.e., Mtot � h3/(3η∞)), suggesting
that the flow current should be bigger for thicker homogeneous
films. Such prediction is intuitive because thicker films have more
fluid and less drag so a bigger flow can be sustained for the same
driving force. For the films with he 11 nm, however,Mtot becomes
independent of h, and collapses onto the Arrhenius dependence:

3η
h3

¼ ðð4 ( 1Þ�10�5 Pa 3 s 3m
-3Þ exp 280 ( 9 kJ=mol

RðT þ 273 KÞ
� �

ð6Þ
where R = 8.31 J mol�1 K�1 is the gas constant. This counter-
intuitive observation can be naturally explained if a surface layer,
with mobility,Msurface given by eq 6 exists at the free surface and the
rest of the film is bulklike and has the bulk viscosity,ηbulk. When h is
big, the mobility of the bulklike layer (≈ h3/(3ηbulk)) is.Msurface

and dominates. But when h is small such that h3/(3ηbulk) becomes
less than Msurface, the surface layer dominates whereupon Mtot ≈
Msurface and independent of h. This shows that the surface mobile
layer would impose a lower limit of Msurface to Mtot (or an upper
limit of Msurface

�1 to Mtot
�1), which is apparent in Figure 4b. We

examine if the measurements of η∞(T) and Mtot(T) can be
described by using the two-layer model employed before for
unentangled PS films.11 Specifically, we assume that the mobility
of the films is equal to be the sumof themobilities of the two layers,
that is,Mtot(T) = h3/(3ηbulk(T)) +Msurface(T), and the effective
viscosity of the film (= η∞(T) here) is h3/(3Mtot(T)). The
former assumption has been justified before by solving the
Navier�Stokes equation appropriate to the experiment and then
applying the experimental parameters.11 By using eq 6 for
Msurface(T) and the published values of ηbulk(T),

33 we calculated
η∞(T) andMtot(T). As seen, the result, represented by the solid
lines in Figure 4a,b, describes the measurements quite well.

The apparent success of the two-layer model in describing the
data would imply that the surface mobile layer is inherent to the
films at equilibrium and warrants further discussions. Our data
show that theMsurface(T) measurements of both the unentangled
(Mw = 2.4 kg/mol) and entangled (Mw = 212 kg/mol) PS films
can be described by Arrhenius dependence, with the dynamic
activation energies being 18511 and 280 kJ/mol, respectively. A
smaller dynamic activation energy found in the surface layer with
lower Mw may be caused by the monomeric friction coefficient
there being smaller. A similar correlation has also been found in
bulk polymers and attributed to the increase in the density of
chain ends in the melt when Mw is decreased.34 We also notice
that the surface dynamic activation energies found here are
notably smaller than those of the respective bulk polymers at
the Tg, namely 270 and 425 kJ/mol, respectively.35 Similar ob-
servation was also made by others studying the surface mobility
of PS films.31,36,37

Besides the dynamic activation energy, we can also deduce the
thickness of the surface mobile layer. The open circles in the inset
of Figure 4b denote the Mtot(T)

�1 measurements of the films
with thickness, h = 2 nm. The dotted line reproduces the
collapsed Mtot(T)

�1 behavior shown in the main panel. Evi-
dently, theMtot(T)

�1 data of the 2 nm films lie above the dotted
line. According to the two-layer model, collapse of Mtot(T) is
caused by its dominance byMsurface(T), themobility of the whole
surface mobile layer. When the film thickness is decreased below
the natural thickness of the surface mobile layer,Mtot(T) should
decrease with decreasing h. We find that the data of the 2 nm films
can be described by the relation, Mtot(T) = Msurface(T)(2/3.3)

3

(solid line in the inset of Figure 4b), implying that the surface
mobile layer of the films can be perceived as having an apparent
thickness of∼3 nm. Since the prefactor of eq 6 is proportional to
the amount of polymer material belonging to the surface mobile
layer, the fact that this prefactor is a constant suggests that the
apparent thickness of the surface mobile layer does not change
with temperature over the temperatures studied.

Contrary to the VFT dynamics found of the bulk polymers,
the Arrhenius dynamics observed here of the surface mobile layer
correspond to simple, uncooperative motions, characteristic of
systems with ample configurational entropy as found in simple
liquids above the melting temperature.38 The abundant config-
urational entropy apparent in the surface mobile layer is probably
due to its proximity to the air interface whereby configurational
changes can occur at lower energy costs. Varnik et al.39 had used
molecular dynamics (MD) simulations to study the dynamics of
unentangled polymer films confined between smooth, repulsive
walls. The monomer�wall interaction was made softer than that
between the monomers, so the chain segments could have more
freedom to move. Our current and previous11 measurements
show that the thickness of the surface mobile layer is no more
than ∼3 nm, corresponding to about 4 segmental lengths,12,13

and independent of temperature. In the MD simulations,39 a
mobile, liquidlike interfacial layer, where the dynamics showed
no caging effect, was also found within ∼2 segmental lengths
from the interfaces even at low temperatures where coopera-
tive dynamics was clearly seen in the center of the melt film.39

While the spatial extent of the perturbation to the local
segmental relaxation rate was found to increase with decreas-
ing temperature or progressive supercooling, the distance over
which the size of the perturbation dropped by 90% was
actually ∼4 segmental lengths and showed little variation
with temperature, as found here for the apparent thickness of the
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surface mobile layer. The good agreement between the properties
of the surface mobile layer found by MD simulations and by us
endorses our association of the Arrhenius dynamics of the surface
mobile layer to the enhanced freedom of segmental motions at the
free surface.

Previous nanoparticle embedding40 and reorientation relaxa-
tion after photobleaching31 measurements found that the thick-
ness of the surface region with enhanced mobility increased with
increasing temperature. Local fluorescence label10 and positron
annihilation8 experiments found that the thickness of the surface
region with reduced Tg could exceed 20 nm.8,10 These results
appear to be inconsistent with the properties found here of the
surface mobile layer and warrant discussions. We contemplate
that different experiments probe different motions of the mol-
ecules that can have different surface sensitivity. This may also
explain why the values probed by nanoparticle embedding40 and
reorientation relaxation after photobleaching31 for the surface
layer thickness disagree by a factor of∼2. In turn, these values are
smaller than those probed by the localTg measurements8,10 by an
order of magnitude.

By monitoring the diffusive motion of nanogold particles with
X-ray photon correlation spectroscopy (XPCS), Koga et al.41

found evidence of enhanced surface mobility in PS films at
temperatures above the Tg, which we also found here and
previously.11 But unlike us,11 Koga et al. did not observe any
enhanced surface mobility in the films with Mw e 30 kg/mol
(Figure 4 of ref 41). Moreover, the size of enhancement they
found at 156 �C was less than 2-fold (Figure 4 of ref 41) while
that found here is more than 100-fold (Figure 4b).We tentatively
address these differences by considering the experimental para-
meters. In Koga et al.’s experiment,41 the diameter of the nano-
particles used was 5.6 nm while the thickness of the surface
mobile layer estimated here is ≈3 nm. Given these, part of the
nanoparticles is embedded in the transition region between the
surface layer and the bulklike inner region beneath. Embedment
in the transition region can cause the diffusive motion of the
particles to slow down and the measured surface viscosity to be
substantially raised. As for the lack of surface-mobility enhance-
ment Koga et al.41 found in the films withMwe 30 kg/mol, one
possible reason is that the mobility enhancement they saw was
due to reduced entanglement at the free surface, which is
expected from packing constraints of polymer chains at the free
surface (or, more generally, a reflective wall).29,30 On the basis of
the result of ref 14 and ours above, adjustment to the viscosity
due to reduced entanglement is expected to be between 1 and 10,
which agrees well with Koga et al.’s observation. Correspond-
ingly, the much bigger mobility enhancement we observed must
arise from a different origin. At this time, we think that it
originates from the greater configurational entropy enabled by
the free surface as discussed above, in keeping with predictions by
MD simulations.39

It is worth noting that the surface layer thickness found here
(∼3 nm) is only 1/4 times the Rg (≈12 nm) of the entangled
polymer used in this experiment. This would imply that the top
3 nm portion of the molecule belongs to the surface mobile layer
and follows the Arrhenius dynamics while the rest of the
molecule belongs to the bulklike inner layer and follows the
VFT dynamics of the bulk. Because of the large disparity between
the dynamics of the two layers, as surface capillary waves develop
on the film surface the surface chains would become shear
deformed—a situation akin to that of a polymer brush under
the excitation of a surface capillary wave.26 Following the approach

of Fredrickson et al.,26 we estimate that the lateral displacement,
δx, of the polymer near the top of the films is∼ δh/(qht), where
ht ≈ 3 nm is the thickness of the surface layer, δh is the
amplitude, and q is the wavevector of the surface capillary wave.
By substituting the average experimentally observed rms rough-
ness of the films for δh and assuming 1/q ∼ 1 μm (this is the
order of magnitude of the longest-wavelength capillary wave
typically observed in experiment), we obtain δx ≈ 126 nm. In
the above, we have neglected the lateral displacement in the
bulklike inner layer because it should be comparative smaller
(<δx/10 if diffusion prevails and so lateral displacement scales
with the local viscosity η according to ∼ η�1/2). It follows that
the surface chains are stretched by an amount≈ δx, for which the
stretching energy per chain is∼ kBTδx

2/Rg
2 or 103kBT in here. It

is difficult to perceive how capillary modes entailing such a large
stretching energy can be excited, as no external force was applied
and all the capillary modes were thermally excited. One possibi-
lity is that the polymer chains at the free surface actually do not
extend into the bulklike inner layer. It has been suggested that
polymer chains near a reflective surface are oblate, with the
dimension perpendicular to the substrate (R^) being less than
Rg and that parallel to the substrate (R )) the same as Rg.

42 Theory
predicts that R^≈ 0.603Rg.

42 But in here, it needs to be∼0.25Rg
in order for the surface chains to be independent of the bulklike
inner layer and chain stretching unnecessary. At this time, we do
not know if this level of agreement is adequate for the picture
of oblate deformation of the surface chains to be acceptable. If
it is not, a mechanism completely different from the two-
layer model is necessary to explain our observations. This model,
whatever it is, must be able to explain why η∞ follows the∼1/h3

scaling and the total mobility is a constant for h < ∼20 nm.
All these issues are important and will be addressed in a
future study.

In conclusion, we have measured the evolution in the viscoe-
lastic dynamics of as-cast PS films with Mw = 212 kg/mol and
thickness h = 2�125 nm upon annealing above the Tg. Our
measurements reveal that the initial chain conformation in the
films was substantially far from equilibrium, with an entangle-
ment density only ∼1/10 times the bulk value. Upon annealing
above the Tg, the chain conformation evolved to increase the
density of entanglement. In the steady state, the viscosity of the
films stabilized at a saturated value, η∞ found to be the same as
the bulk for the thick films with h > ∼20 nm. For the thin films
with 3 e h < 20 nm, η∞ decreased with decreasing h and their
mobility, Mtot = h3/3η∞, collapsed onto an Arrhenius tempera-
ture dependence. By using the two-layer model employed before
for unentangled films, we were able to fully describe the η∞
measurements. A straightforward interpretation of this result
implies that the surface mobile layer exists in the films at
equilibrium and determines the dynamics of unentangled and
entangled films in a similar way. However, a more detailed analysis
reveals that this picture would require the surface chains to be
oblate with the dimension perpendicular to the film being no
more than 1/4 times the unperturbed gyration radius of the
polymers for otherwise it would lead to unphysically large
stretching of the surface chains. Further studies are necessary
to investigate the feasibility of the two-layer model more fully.
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